Introduction
Efforts to improve the fuel efficiency of aviation fuel and natural gas burning turbine engines have led to the development of complex concentrated multicomponent nickel-based superalloys that can withstand the extreme environments inside these engines [1, 2] . Nickel-based superalloys are used in sections of turbine engines where operating temperatures exceed 1073 K, and resistance to chemical and mechanical degradation is critical. The high-temperature mechanical properties of these alloys depend primarily on the presence of coherent, elastically-hard, L1 2 -ordered 0 -precipitates that result from decomposition of the (fcc) matrix. Recent investigations of 0 -precipitation in model Ni-Al-Cr superalloys employing atom-probe tomography (APT) have elucidated the kinetic pathways of phase separation for two alloys, Ni-7.5 Al-8.5 Cr and Ni-5.2 Al-14.2 Cr at. %, both of which have a 0 -phase volume fraction of about 16% [3] [4] [5] [6] [7] [8] [9] [10] . These studies have, however, been limited by both the number of 0 -precipitates investigated, and by the number of data points collected during the 0 -precipitate nucleation and growth regimes. Recent advances in APT have improved the data collection rate and the field-of-view (200 Â 200 nm 2 at the lowest magnification) of this technique [11] [12] [13] , thereby eliminating the problems associated with an insufficient 0 -precipitate sample size.
Details are presented of the phase separation of a low-supersaturation Ni-6.5 Al-9.5 Cr at. % alloy aged at 873 K. This alloy was chosen to employ a small chemical driving force for nucleation, permitting a detailed study of precipitate nucleation, and subsequently growth and coarsening. The reduced -matrix supersaturation also results in a smaller 0 -precipitate volume fraction, making this alloy more amenable to comparison with the predictions of classical models of phase separation. A ternary Ni-Al-Cr phase diagram determined by the grand canonical Monte Carlo (GCMC) technique at 873 K ( Figure 1 ) predicts that the value of the equilibrium volume fraction, eq , for Ni-6.5 Al-9.5 Cr at. % aged at 873 K is 10.2 AE 0.5%. Ni-7.5 Al-8.5 Cr and Ni-5.2 Al-14.2 Cr at. %, the other Ni-Al-Cr alloys that have been investigated in detail by APT, which are also plotted A partial ternary phase diagram of the Ni-Al-Cr system at 873 K calculated using the grand canonical Monte Carlo (GCMC) simulation technique [14] , showing the proximity of Ni-6.5 Al-9.5 Cr at. % to the ( þ 0 )/ solvus line. Two other alloys that have been investigated by APT, Ni-7.5 Al-8.5 Cr and Ni-5.2 Al-14.2 Cr at. %, are shown for comparative purposes. Equilibrium solvus curves determined by Thermo-Calc [25] , using databases for nickel-based superalloys due to Saunders [26] and Dupin et al. [27] , are superimposed on the GCMC phase diagram. The tie-lines are determined from the equilibrium phase compositions, determined by extrapolation of APT concentration data to infinite time.
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in Figure 1 , are predicted to have values of eq of 17.5 AE 0.5 and 15.1 AE 0.5%, respectively [3, 14] .
Experimental
High-purity Ni, Al and Cr were induction-melted under a partial pressure of Ar and chill cast in a 19 mm diameter copper mold to form a polycrystalline master ingot. The overall composition of the master ingot was determined by inductively coupled plasma atomic-emission spectroscopy to be 84.12 Ni-6.24 Al-9.64 Cr at. %, and was indistinguishable, within experimental error, from the targeted composition of Ni-6.5 Al-9.5 Cr at. %. Samples from the ingot were subjected to a three-stage heat-treatment: (1) homogenization at 1573 K in the -phase field for 20 h; (2) a vacancy anneal in the -phase field at 1123 K for 3 h followed by a water quench; and (3) an aging anneal at 873 K under flowing argon for times ranging from 0.25 to 4096 h, followed by a water quench. Pulsed-laser APT was performed with a 3-D LEAP tomograph [11, [15] [16] [17] [18] at a target evaporation rate of 0.04 ions per pulse, a specimen temperature of 40.0 AE 0.3 K, a pulse energy of 0.6 nJ per pulse, a pulse repetition rate of 200 kHz and an ambient gauge pressure of less than 6.7 Â 10 À8 Pa. These evaporation conditions have been optimized to provide the highest compositional accuracy for this alloy [19] . APT data were analyzed with the software program IVAS 3.0 (Imago Scientific Instruments). The 0 -precipitate/ -matrix heterophase interfaces were delineated with Al isoconcentration surfaces employing the inflection point method [20] , and compositional information was obtained using the proximity histogram methodology [21, 22] . The standard errors for all quantities are calculated based on counting statistics, and represent two standard deviations from the mean [23] . We note that spatial convolution effects such as ion-trajectory overlap and local magnification effects, which have been cited as sources of misleading results in APT analysis of nickel-based superalloys [24] , are not significant for low-supersaturation Ni-Al-Cr alloys aged at 873 K [3] . Further experimental details are provided in references [3, 4] ; the same procedures were employed herein.
For comparative purposes, the equilibrium phase boundaries determined by the software program Thermo-Calc [25] , using the thermodynamic databases due to Saunders [26] and Dupin et al. [27] , are superimposed on the phase diagram at 873 K ( Figure 1 ) [28] . Whereas the generated /( þ 0 ) solvus lines show good agreement, the curvatures of the þ ( 0 / 0 ) phase lines differ for each technique. We note a discrepancy between the ( þ 0 )/ solvus lines predicted by Thermo-Calc and the GCMC technique as they approach the binary Ni-Al axis. Given that GCMC employs changes in chemical potentials to determine the equilibrium tie-line compositions, it is unlikely that this discrepancy is an artifact of the simulation, and may be due to the fitting involved in the design of Thermo-Calc databases.
All thermodynamic quantities used herein were obtained from the commercial software package Thermo-Calc [25] using thermodynamic databases due to Saunders [26] and Dupin et al. [27] . The tracer diffusivities of the atomic species in the -matrix phase were calculated employing Dictra [29] with the mobility database due to Campbell et al. [30] and employing the Saunders thermodynamic database.
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3. Results and discussion
Morphological evolution
The temporal evolution of the 0 -precipitate morphology of the model Ni-Al-Cr alloy is displayed in a series of 25 Â 25 Â 200 nm 3 3D-APT reconstructions, each containing ca. 5.5 million atoms (Figure 2 ). Nanometer-sized spheroidal 0 -precipitates are detected in Ni-6.5 Al-9.5 Cr at. % for aging times ranging from 0.5 to 1024 h. The 0 -precipitates at an aging time of 4096 h have commenced a spheroidal-to-cuboidal morphological transformation to minimize their elastic strain energy as they increase in size [31] [32] [33] . For aging times of 1.5 to 64 h, 0 -precipitate coagulation and coalescence is evident, characterized by the formation of L1 2 -ordered necks that interconnect 0 -precipitates. Precipitate coagulation and coalescence has been detected previously in two different Ni-Al-Cr alloys [3, 4] , and is due to the overlap of the non-equilibrium 0 -precipitate diffusion fields caused by the specific coupling among diffusion fluxes of Ni, Al, and Cr toward and away from 0 -precipitates [34] .
3.2.
Temporal evolution of the nanostructural properties of the c 0 -precipitates
The temporal evolution of Ni-6.5 Al-9.5 Cr at. % aged at 873 K is complex and is divided into four regimes: (i) quasi-stationary-state 0 -precipitate nucleation C. Booth-Morrison et al.
from 0.5 to 1.5 h; followed by (ii) concomitant precipitate nucleation, growth and coagulation and coalescence from 1.5 to 4 h; (iii) concurrent growth and coarsening between 4 and 256 h; and finally (iv) quasi-stationary state coarsening of 0 -precipitates from 256 to 4096 h. Figure 3 displays the temporal evolution of the 0 -precipitate volume fraction, , average radius, hR(t)i, and number density, N v (t), and clearly shows these four stages of phase decomposition in this model alloy. The 0 -precipitate nanostructural properties determined by APT analysis are summarized in Table 1 .
Phase separation by nucleation has been studied theoretically for binary alloys in a set of models known as classical nucleation theory (CNT), which have been reviewed extensively in the literature [35] [36] [37] [38] [39] [40] . According to CNT, nucleation is governed by a balance between a bulk free energy term, which has both chemical, ÁF ch , and elastic strain energy, ÁF el , components, and an interfacial free energy term,
; where F is the Helmholtz free energy. Experimental validation of CNT is quite difficult for solid solutions, due to the short time and length scales involved 
f eq = 9.6 ± 2.9% Figure 3 . The temporal evolution of the 0 -precipitate volume fraction, , number density, N v (t), and mean radius, hR(t)i, for Ni-6.5 Al-9.5 Cr at. % at 873 K. The quantity hR(t)i is approximately proportional to t 1/3 during quasi-stationary state coarsening for aging times of 4 h and longer, as predicted by classical coarsening models. Once the equilibrium volume fraction is approximately achieved after 256 h, the temporal dependence of the quantity N v (t) achieves the t À1 prediction of the coarsening models.
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in precipitation of second phases, which typically contain less than 100 atoms [38, 41] . Control of the quenching conditions is important to minimize the vacancy concentration, while simultaneously insuring that phase decomposition does not occur during the quench. Additionally, the quantities involved in CNT, such as the interfacial energy, the thermodynamic driving force, and the solute diffusion coefficient, are difficult to measure, and the predictions of the models are highly sensitive to uncertainties in these values. As a result, the discrepancies between the measured and predicted nucleation rates are typically between three and five orders of magnitude [38, 42] . From CNT, the expression for the net reversible work required for the formation of a spherical nucleus, W R , as a function of nucleus radius, R, is given by
The critical net reversible work, W Ã R , required for the formation of a critical spherical nucleus is given by
The critical net reversible work for nucleation acts as a barrier that nuclei must overcome to achieve a critical nucleus radius, R*, given by Table 1 . Temporal evolution of the nanostructural properties of 0 -precipitates determined by APT for Ni-6.5 Al-9.5 Cr at. % aged at 873 K. The 0 -precipitate mean radius, hR(t)i, number density, N v (t), and volume fraction, , are given, along with their standard errors. The number of 0 -precipitates analyzed, N ppt , is smaller than the total number of 0 -precipitates detected by APT. Precipitates that intersect the sample volume contribute 0.5 to the quantity N ppt , and are included in the estimates of N v (t) and , and the phase compositions, and not in the measurement of hR(t)i.
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From CNT, the stationary-state nucleation current, J st , the number of nuclei formed per unit volume per unit time (m À3 s À1 ), is given by
where Z, the Zeldovich factor, accounts for the dissolution of supercritical clusters, * is a kinetic coefficient describing the rate of condensation of single atoms on the critical nuclei, N is the total number of possible nucleation sites per unit volume, taken to be the volume density of lattice sites occupied by Al, the precipitating solute element [35, 43] , k B is Boltzmann's constant and T is the absolute temperature. The standard definitions of Z and * were employed and are given by [35] [36] [37] [38] [39] [40] 
where W i is the net reversible work required for the formation of a spherical nucleus containing i atoms, D is the diffusion coefficient of the precipitating solute element, C 0 is the initial concentration of said solute and a is the average of the lattice parameters of the matrix and precipitate phase, equal, in this case, to 0.3568 nm.
Given that the extant theories of nucleation are for binary alloys, the calculations of the stationary-state nucleation rate were performed for both Al and Cr, thereby providing an upper and lower bound for the predicted nucleation rate. Diffusion coefficients of 9.47 and 2.61 Â 10 À21 m 2 s À1 were employed for Al and Cr, respectively, along with C 0 values of 6.5 and 9.5 at. %.
The value of ÁF ch of À6.25 Â 10 7 J m À3 is determined from Thermo-Calc [25] and the Saunders thermodynamic database [44] , and is calculated employing the equilibrium phase compositions, an assumption which is valid for this alloy, given the small values of the solute supersaturations [38, [45] [46] [47] . The values of ÁF el , the elastic energy, for the two alloys are estimated using [48] 
where S is the shear modulus of the -matrix phase, B 0 is the bulk modulus of the 0 -precipitate phase, and V a and V 0 a are the atomic volumes of the -matrix and 0 -precipitate phases, respectively. No elastic constants are available for this alloy; therefore the value of S of 100.9 GPa, of a similar alloy, Ni-12.69 Al at 873 K [49] is employed, whereas the value of B 0 is taken to be 175 GPa [50] . The lattice parameters of the 0 -and -phases at 873 K are calculated to be 0.3573 nm and 0.3563 nm, respectively, employing the precipitation simulation software program PrecipiCalc [51, 52] . These lattice parameter values result in a near-zero value of the lattice parameter misfit of 0.00284 for Ni-6.5 Al-9.5 Cr at. %. Substituting these values into Equation (7) [44, 53] , and extended to the ternary Al-Sc-Mg and Ni-Al-Cr alloys [3, 4, 54] , and is described in detail therein. . Given the evidence of precursor clustering in these Ni-Al-Cr alloys [10] , it is surprising that the experimentally determined value of J st is significantly less than the predicted value. Predictions of the nucleation rate by CNT have been found to be 50-500 times greater than the experimental values for other Ni-Al and Ni-Al-Cr alloys [3, 55] . Xiao and Haasen attributed this discrepancy to the sensitivity of the predicted value of J st to the value of R* [55] . They also noted that predicted nucleation currents are likely overestimated due to the assumption that the value of N 0 is equal to the volume density of lattice sites, which is a commonly made assumption that is not necessarily correct. By assuming that the value of N 0 is equal to the volume density of Al atoms, we have mitigated this error to some extent. The prediction of R* from CNT, which depends only on thermodynamic quantities, yields a value of 0.74 nm, in agreement with the value of hR(t)i of 0.62 AE 0.17 we measured for aging times of 0.5-1 h.
To date, there is not a generally accepted theory of nucleation in concentrated multicomponent alloys. Given that the detailed atomistic kinetics involved in the formation of 0 -nuclei in these ternary systems are not completely understood, further analysis herein is not instructive. The earliest stages of precipitate formation in Ni-6.5 Al-9.5 Cr at. % are described in greater detail elsewhere [56] , and complemented with results of lattice kinetic Monte Carlo simulation to develop a deeper understanding of the kinetic pathways of nucleation in this alloy.
Nucleation and growth of 0 -precipitates occurs concurrently for aging times of 1.5 to 4 h, resulting in a nucleation current of 4.1 AE 1.6 Â 10 19 m À3 s À1 , and an increase in the value of from 0.46 AE 0.01% to 2.32 AE 0.08%. As such, we do not observe a pure growth regime [57] [58] [59] , which is not surprising given the evidence of concomitant 0 -precipitate nucleation, growth and coagulation and coalescence between 1.5 and 4 h.
For aging times between 4 and 256 h, the values of and hR(t)i increase, and the values of N v (t) decrease, as expected for quasi-stationary-state coarsening. Previous investigations of the phase separation of Ni-Al-Cr alloys have shown that the predictions of the temporal evolution of the quantity hR(t)i from classical coarsening models are validated experimentally during quasi-stationary-state coarsening [3] [4] [5] [6] [7] [8] [9] [10] . The predicted temporal evolutions of the quantity N v (t) and of the particle size distributions have not been validated experimentally. This is because experimental alloys have failed to achieve genuine stationary-state coarsening at the equilibrium volume fraction of the precipitated phase [60] [61] [62] [63] . The first comprehensive meanfield treatment of coarsening, due to Lifshitz and Slyozov [64] and Wagner [65] , known as the LSW model, is limited to dilute binary alloys with spatially-fixed spherical precipitates whose initial compositions are equal to their equilibrium values, as determined by the equilibrium binary phase diagram. These stringent requirements, and other assumptions inherent to the LSW model, are highly restrictive, and difficult to meet in practice. Researchers have worked to remove the mean-field restrictions by developing models based on multiparticle diffusion that are able to describe stress-free systems with finite volume fractions [62, [66] [67] [68] . Umantsev and Olson (UO) [69] demonstrated that the exponents of the temporal power-laws for concentrated multi-component alloys are identical with those for dilute binary alloys, but that the explicit expressions for the rate constants depend on the number of components. Kuehmann and Voorhees (KV) [70] considered isothermal coarsening in ternary alloys and developed a detailed model that includes the effects of capillarity on the precipitate composition, such that the phase compositions can deviate from their equilibrium values. In the quasi-stationary-state limit of the KV model, the expressions for the temporal dependencies for hR(t)i, N v (t), and the -matrix supersaturation, ÁC i ðtÞ, of each solute species i, are
and ÁC i ðtÞ ¼ hC
where K KV , and i, KV are the coarsening rate constants for hR(t)i and ÁC i ðtÞ, respectively; hR(t 0 )i is the average precipitate radius and N v (t 0 ) is the precipitate number density at the onset of quasi-stationary-state coarsening, at time t 0 . The quantity ÁC i ðtÞ is denoted a supersaturation and is the difference between the concentration in the far-field -matrix, hC , ff i ðtÞi, and the equilibrium -matrix solute-solubility, C , eq i ð1Þ. The temporal dependence of the quantity hR(t)i for the alloy studied herein is measured to be t 0.36AE0.06 from the onset of coarsening at 4 h to 4096 h. As noted previously, the prediction of the temporal evolution of the quantity hR(t)i has been validated for systems where the equilibrium volume fraction has not been achieved, as is the case for Ni-6.5 Al-9.5 Cr at. % for aging times of 4-256 h. Thus, its measurement alone is not a particularly strong test of the LSW model.
During aging from 4 to 16 h, the value of N v (t) drops sharply from the maximum value of 9.84 AE 0.33 Â 10 23 m À3 at 4 h, to 2.09 AE 0.12 Â 10 23 m À3 at 16 h as a result of coarsening via both the classical evaporation-condensation mechanism and the coagulation and coalescence of 0 -precipitates. The fraction of coagulating and coalescing 0 -precipitates is 25 AE 3% after 4 h of aging, and 12 AE 2% after 16 h of aging; thus coarsening via this mechanism is significant at these times. Note that the Philosophical Magazine 9 value of increases from 2.31 AE 0.08 to 6.06 AE 0.34% over this range of time, thus 0 -precipitate growth is also ongoing. After aging for 64 h, only 4 AE 1% of 0 -precipitates are undergoing coagulation and coalescence, and therefore coarsening proceeds primarily via the evaporation-condensation mechanism. For aging times of 256 to 4096 h, where no coagulation and coalescence of 0 -precipitates is detected, and the volume fraction of 0 -precipitates is approximately constant, the temporal dependence of the quantity N v (t) is t À1.0AE0.1 , as predicted by extant models of coarsening, including the detailed KV model for ternary alloys [64, 65, [70] [71] [72] .
Temporal evolution of the compositions of the and 0 phase compositions
The compositions of the -matrix and 0 -precipitate phases in Ni-6.5 Al-9.5 Cr at. % evolve temporally, as the -matrix is enriched in Ni and Cr and depleted of Al, as shown in Figure 4 from Equation (10) The temporal evolution of the phase compositions is shown on a partial ternary Ni-Al-Cr phase diagram determined by the GCMC technique at 873 K ( Figure 5 ) [14] . For comparative purposes, the compositional trajectories of Ni-7.5 Al-8.5 Cr and Ni-5.2 Al-14.2 Cr at. %, two alloys that have also been investigated by APT at Northwestern University, are superimposed on the phase diagram. According to the KV coarsening model, the addition of a third alloying element alters both the form of the Gibbs-Thompson equations and the predictions of the temporal evolution of the phase compositions [70] . The slope of the trajectory of the -matrix phase during coarsening is predicted by the KV model to lie along the equilibrium tie-line and have a value of p Al /p Cr , where p i is the magnitude of the partitioning of solute species i, as defined by the expression p i ¼ ½C 0 , eq i ð1Þ À C , eq i ð1Þ. Alternatively, the compositional trajectory of the 0 -precipitate phase is predicted by the KV model Figure 5 . The compositional trajectories of the -matrix and 0 -precipitate phases of Ni-6.5 Al-9.5 Cr at. %, displayed on a partial Ni-Al-Cr ternary phase diagram at 873 K. The trajectory of the -matrix phase lies approximately on the experimental tie-line, while the trajectory of the 0 -precipitate phases does not lie along the tie-line, as predicted by the Kuehmann-Voorhees coarsening model [70] . The tie-lines are determined from the equilibrium phase compositions, determined by extrapolation of APT concentration data to infinite time, which is a small extrapolation of the compositions.
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to lie on a straight line that is not necessarily parallel to the equilibrium tie-line. To verify these predictions for the ternary alloy studied, the quantities C
Al ðtÞ=C
Cr ðtÞ and C 24 , respectively, whereas the slope of the equilibrium tie-line is estimated to be À2.84AE0.06. From these results, it is absolutely clear that the trajectory of the 0 -precipitate composition does not lie along the equilibrium tie line. This result is contrary to all coarsening models, except the KV model for ternary alloys. We note that the KV mean-field model is unable to predict the correct values of the slopes, which is most likely due to the omission of the off-diagonal terms in the diffusion matrix in this model. The omission of the off-diagonal terms, in turn, generates inaccurate predictions of the diffusion fluxes into and out of the 0 -precipitate phase by suppressing flux coupling [34] . The values plotted on the phase diagram in Figure 5 are the far-field plateau compositions of the two phases, and do not include atoms that lie within the interfacial / 0 region. As such, the rule of mixtures, which dictates that the nominal 0 -precipitate and -matrix compositions at a given aging time lie along a straight line, is not satisfied. Classical models of phase separation often ignore the interfacial region, thus we have chosen a similar approach for comparative purposes. The inclusion of the interfacial region in the phase compositions (not displayed) does not alter the compositional trajectories significantly, and does satisfy the rule of mixtures. Advanced models of phase separation are needed to account for the interfacial region between phases. The interfacial region, which has a definite width on the order of $2 nm for this alloy (Figure 4 ) has been measured to be on the order of several nanometers for other model nickel-based superalloys [3, 4, 14, [73] [74] [75] [76] [77] . The diminution of the -matrix supersaturation values approximately follows the t À1/3 prediction of the KV model. From Figure 7 , the alloy displays a temporal dependence of t À0. 32 
Conclusions
A detailed comparison was obtained of the nanostructural and compositional evolution of Ni-6.5 Al-9.5 Cr at. % during phase separation at 873 K for aging times ranging from 0.5 to 4096 h, employing atom-probe topography (APT). This ternary alloy with a low equilibrium 0 -precipitate volume fraction of 9.6 AE 2.9% was designed to study precipitate nucleation, and subsequently growth and coarsening, leading to the following results:
. The phase separation of the model alloy occurs in four distinct regimes:
(i) quasi-stationary-state 0 -precipitate nucleation from 0.5 to 1.5 h; 
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(ii) followed by concomitant precipitate nucleation, growth and coagulation and coalescence from 1.5 to 4 h; (iii) concurrent growth and coarsening from 4 to 256 h, wherein coarsening occurs via both 0 -precipitate coagulation and coalescence and by the classical evaporation-condensation mechanism; and (iv) finally quasi-stationary-state coarsening of 0 -precipitates from 256 to 4096 h. . The morphology of the 0 -precipitate phase is found to be spheroidal for aging times as long as 1024 h, as a result of a near-zero lattice parameter misfit between the -matrix and 0 -precipitate phases. Coagulation and coalescence of 0 -precipitates is observed for aging times of 1.5 to 64 h, as a result of the overlap of the non-equilibrium concentration profiles associated with adjacent 0 -precipitates [34] . The 0 -precipitates that have formed by an aging time of 4096 h have commenced a spheroidalto-cuboidal morphological transformation to minimize their elastic strain energy as they increase in size [31] [32] [33] . . It is found that classical nucleation theory accurately predicts the critical radius for nucleation for the model Ni-Al-Cr alloy, although the prediction of the stationary-state nucleation current is at least 285 times greater than the value measured experimentally. These findings indicate that a better understanding of the kinetic pathways of nucleation in this concentrated ternary alloy is required. . The compositional trajectory of the -matrix during phase separation lies approximately along the tie-line, while the trajectory of the 0 -precipitate phase does not, as predicted by the KV mean-field model for quasistationary state coarsening in ternary alloys. The addition of a third alloying element alters the Gibbs-Thompson equations significantly, and as such, the KV model predicts that the compositional trajectory of the 0 -precipitate phase will lie on a straight line that is not necessarily parallel to the equilibrium tie-line. The KV model, however, is unable to predict the exact value of the trajectones of the slopes, which is most likely due 14 C. Booth-Morrison et al.
to the omission of the off-diagonal terms in the diffusion matrix in this model, which generates inaccurate predictions of the diffusion fluxes into and out of the 0 -precipitate phase by suppressing flux coupling [34] . . An estimate of the / 0 interfacial free energy,
, from the coarsening data obtained by APT yields a value of 22 AE 1 mJ m À2 . This value for Ni-6.5 Al-9.5 Cr at. % is in excellent agreement with the values of 20-25 mJ m À2 measured by the same technique for other Ni-Al-Cr alloys aged at 873 K [3] .
